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I.  Introduction 

The  two  most  important  materials-related  problems  affecting  the  performance  of  all  SiC 
devices  and  their  associated  components  (e.g.,  contacts)  are  the  defects  and  the  undesired 
impurities  which  become  incorporated  in  the  homoepitaxial  SiC  layers  in  which  all  devices  are 
currently  fabricated.  Bhatnagar  [1]  has  shown  that  the  reverse  blocking  leakage  current  in  high 
voltage  Schottky  diodes  is  three  orders  of  magnitude  higher  than  theoretically  predicted  as  a 
result  of  defects  in  the  epi-layer.  The  formation  of  micropipes,  stepped  screw  dislocations, 
interacting  dislocation  loops,  polyganized  networks  of  dislocations  and  growth  twins  as  well  as 
stacking  faults  during  the  sublimation  growth  of  SiC  boules  are  likely  the  root  cause  of  some  of 
the  defects  in  the  epitaxial  layer.  However,  with  the  exception  of  the  micropipes,  the  types  and 
concentrations  of  line,  planar  and  other  three-dimensional  defects  and  their  effect  on  the 
performance  of  devices  and  individual  device  components  in  the  important  epi-layer  have  not 
been  similarly  determined.  As  such,  it  is  not  known  which  of  the  latter  defects  actually  are 
translated  from  the  wafer  into  the  epi-layer  during  its  deposition  and,  therefore,  should  be 
vigorously  controlled  during  boule  growth  and  which  defects  are  generated  during  deposition. 

The  relatively  uncontrolled  occurrence  of  the  n-type  donor  of  N  and  deep  level 
compensating  impurities  such  as  Ti  in  the  epilayer  have  been  identified  via  secondary  ion  mass 
spectrometry,  photoluminescence  and  cathodoluminescence  investigations.  However,  the 
origins  of  essentially  all  of  these  impurities  are  unknown.  For  high-temperature,  -power  and 
-frequency  devices,  it  is  highly  desirable  to  control  or  eliminate  these  impurities  such  as  to 
attain  undoped  films  with  uncompensated  carrier  concentrations  of  10^^  cm" 3 — two  orders  of 
magnitude  lower  than  what  is,  at  present,  normally  achieved  in  standard  commercial 
depositions. 

The  formation  of  low  resistivity  and  thermally  stable  ohmic  contacts  to  4H-  and  6H-SiC 
remains  a  serious  problem  in  the  development  of  SiC  device  technology.  For  SiC  power 
devices  to  have  an  advantage  over  Si,  the  contact  resistivities  must  be  below  IxlO'^  W-cm^,  as 
noted  by  Alok,  et  al.  [2].  In  addition,  the  electrical  characterization  of  state-of-the-art  SiC  films 
depends  on  the  ability  to  fabricate  ohmic  contacts  on  material  with  low  carrier  concentrations. 
Therefore,  better  ohmic  contacts  are  needed  both  for  improving  device  performance  and  for 
improving  the  quality  of  films  which  can  be  grown.  The  thermal  stability  of  ohmic  contacts  is 
of  particular  concern  for  p-type  SiC,  which  have  traditionally  relied  on  low  melting  point  Al  or 
Al  alloys  to  dope  the  SiC  surface  below  the  contacts.  These  materials  are  not  suitable  for 
devices  intended  for  high-temperature  operation.  While  the  fabrication  of  ohmic  contacts  to  SiC 
has  also  normally  depended  on  the  attainment  of  a  very  heavily-doped  near-surface  region,  the 
introduction  during  deposition  of  high  levels  of  dopants  in  the  near  surface  device  region  of  the 
epi-layer  prior  to  the  deposition  of  the  contact  or  by  ion  implantation  through  the  contact  makes 
probable  the  introduction  of  point  and  line  defects  as  a  result  of  the  induced  strain  in  the  lattice. 


Based  on  all  of  these  issues  and  recent  experiments  already  performed  at  NCSU,  our  goals  are 
to  produce  contacts  which  are  thermally  stable  and  have  low  contact  resistivities  while  also 
reducing  the  need  for  doping  by  ion  implantation. 

To  fabricate  most  microelectronic  devices,  the  growth  or  deposition  of  stable  insulators  is 
needed  to  provide  both  passivating  layers  and  gate  dielectrics.  Silicon  carbide  is  almost 
invariably  thermally  oxidized,  albeit  at  a  slower  rate,  in  the  same  manner  and  temperature  range 
that  is  employed  for  Si.  Most  of  the  previous  studies  regarding  the  oxidation  of  SiC  have  been 
concerned  with  polycrystalline  materials.  It  has  been  shown  by  Harris  and  Call  [3]  and 
Suzuki,  et  al.  [4]  that  the  (0001)  face  of  6H-SiC  oxidizes  according  to  the  same  linear-parabolic 
equation  reported  for  Si  by  Deal  and  Grove  [5].  The  model  states  that  the  initial  stage  of 
oxidation  is  reaction  rate  limited  and  linear,  but  becomes  parabolic  as  the  diffusion  of  the 
oxidant  through  the  oxide  becomes  the  rate  limiting  factor.  Research  at  NCSU  by  Palmour, 
et  al.  [6]  has  demonstrated  that  the  oxidation  process  on  SiC  in  wet  and  dry  oxygen  and  wet 
argon  obeys  the  linear-parabolic  law.  Both  wet  processes  had  a  slower  rate  than  dry  oxidation 
at  1050°C  and  below.  The  dry  oxides  exhibited  a  very  flat  surface;  in  contrast,  SEM  and  TEM 
revealed  that  wet  oxidation  preferentially  oxidizes  dislocation  bands,  causing  raised  lines  on  the 
oxide  and  corresponding  grooves  in  the  SiC.  It  was  proposed  that  the  much  higher  solubility  of 
H2O  in  SiC)2  as  compared  to  that  of  O2  allows  wet  oxidation  to  be  preferential. 

All  of  the  oxidation  studies  on  all  polytypes  of  semiconductor  quality  SiC  have  been 
conducted  on  n-type  material  with  the  exception  of  the  investigation  by  Palmour  et  al.  [6].  The 
objective  of  this  study  was  the  determination  of  the  redistribution  of  the  common  electrical 
dopants  of  N,  P,  Al  and  B  during  thermal  oxidation  of  SiC  films  at  1200°C  in  dry  O2. 
Experimental  segregation  coefficients  and  interfacial  concentration  ratios  were  determined. 
Secondary  ion  mass  spectrometry  revealed  that  B  and  Al  depleted  from  the  SiC  into  the 
growing  oxide  while  N  and  P  were  found  to  pile  up  in  the  SiC  as  a  result  of  the  loss  of  the  SiC 
to  the  oxide  formation.  Aluminum  is  now  used  almost  universally  as  the  p-type  dopant  in  SiC. 
The  electrical  properties  of  oxides  thermally  grown  on  n-type  SiC  normally  have  reasonably 
favorable  characteristics  of  high  breakdown  voltage  and  low  leakage  currents.  However,  the 
reverse  is  true  for  thermally  grown  oxides  on  p-type  SiC,  as  shown  by  Baliga  and  his  students 
at  NCSU.  It  is  believed  that  at  least  two  of  the  causes  of  the  poor  performance  on  a  p-type 
material  are  the  existence  of  the  Al  in  the  oxide  and  at  the  oxide/SiC  interface  and  the  dangling 
oxygen  bonds  which  this  species  creates  in  the  oxide  as  a  result  of  a  difference  in  oxidation 
state  (-1-3)  compared  to  that  of  Si  (-t-4)  and  the  existence  of  C  at  the  SiC/insulator  interface. 
Methods  of  effectively  cleaning  SiC  surfaces  prior  to  oxidation  to  deposit  and  grow  oxides  on 
p-type  material  under  UHV  conditions  and  determine  the  effect  of  Al  redistribution  and  C 
concentrations  at  the  interface  on  the  properties  of  the  oxide  must  be  determined.  In  addition. 
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the  effect  of  existing  line  and  planar  defects  in  the  SiC  epi-layer  on  the  properties  of  the 
thermally  grown  and  deposited  oxide  must  be  ascertained. 

The  research  conducted  in  this  reporting  period  and  described  in  the  following  sections  has 
been  concerned  with  (1)  the  determination  and  employment  of  an  effective,  completely  dry, 
ex  situ  hydrocarbon  and  oxide  removal  process  for  the  6H-SiC(0001)  surface,  (2)  design  and 
constmction  of  a  new  CVD  SiC  system  for  the  deposition  and  doping  of  6H-  and  4H-SiC  and 
AIN  films,  (3)  deposition,  annealing  and  electrical  characterization  of  Ni,  NiAl,  Au,  Pt  and 
Cr-B  contacts  to  p-type  SiC(OOOl),  and  (4)  fabrication,  for  the  first  time,  of  high  voltage 
Schottky  barrier  diodes  on  4H-  and  6H-SiC(0001)  and  determination  of  the  associated  barrier 
heights,  series  resistance  and  critical  electric  field  strength  for  breakdown  as  a  function  of  T. 
The  following  individual  sections  detail  the  procedures,  results,  discussions  of  these  results, 
conclusions  and  plans  for  future  research.  Each  subsection  is  self-contained  with  its  own 
figures,  tables  and  references. 
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II.  Growth  of  SiC  and  AIN  by  Gas-Source  Molecular  Beam  Epitaxy 


A.  Introduction 

Due  to  its  low  dielectric  constant  and  close  lattice  match  to  SiC,  AIN  may  be  an  alternative 
to  silicon  dioxide  (Si02)  as  a  dielectric  in  high-power  and  high-temperature  SiC  devices. 
Highly  (OOOl)-oriented  AIN  has  been  fabricated  using  reactive  magnetron  sputtering  [1,2], 
gas-source  molecular  beam  epitaxy  (GSMBE)  [3],  chemical  vapor  deposition  (CVD)  [4],  and 
“hot  wall”  CVD  [5].  However,  the  material  contains  high  densities  of  line  defects  and  high 
concentrations  of  oxygen  and  carbon.  It  is  also  important  to  reduce  the  surface  roughness  of 
the  AIN.  This  report  presents  recent  results  [6,7]  concerning  the  growth  of  AIN  by  GSMBE 
using  NH3  as  the  nitrogen  source.  It  is  shown  that  highly  c-axis  oriented  wurtzite  AIN  films 
with  very  smooth  surfaces  can  be  grown  on  4H  and  6H-SiC  substrates. 

B.  Experimental  Procedure 

The  growth  is  conducted  in  a  GSMBE  system  with  an  ultimate  base  pressures  of 
IQ-lO  Torr.  Prior  to  growth,  SiC  substrates  are  cleaned  using  procedures  developed  at  NCSU 
[3].  The  SiC  films  are  grown  using  SLj  and  C2H4  where  the  gas  flows  are  accurately  controlled 
by  regulating  the  pressure  over  a  flow  cell.  The  AIN  growth  is  made  by  evaporating  A1  from  an 
effusion  cell  and  simultaneously  introducing  NH3  through  a  mass  flow  controller.  In  addition 
to  the  gases  mentioned  above,  it  is  also  possible  to  introduce  H2,  N2  and  Ar  during  growth. 
The  system  is  equipped  with  two  in  situ  analysis  tools.  The  gases  in  the  chamber  are  monitored 
with  a  100  AMU  residual  gas  analyzer  (RGA).  Differential  pumping  of  the  RGA  makes  it 
possible  to  record  the  gas  content  in  the  chamber  at  pressures  above  1x10"^  Torr.  The  surface 
structures  are  analyzed  with  reflection  high  energy  electron  diffraction  (RHEED). 

In  addition  to  these  in  situ  techniques,  several  ex  situ  analysis  techniques  are  available,  for 
instance,  transmission  electron  microscopy  (TEM),  x-ray  diffraction  (XRD),  scanning  electron 
microscopy  (SEM)  and  atomic  force  microscopy  (AFM)  for  structural  investigations.  Auger 
electron  spectroscopy  (AES)  and  secondary  ion  mass  spectroscopy  (SIMS)  for  chemical 
analysis. 

C.  Results  and  Discussion 

The  RHEED  patterns  from  the  AIN  surfaces  indicated  that  very  smooth  films  were  grown 
on  all  types  of  SiC  substrates.  This  was  particularly  true  for  the  films  grown  on  the  on-axis 
4H-SiC(0001),  4H-SiC  (0001),  and  6H-SiC(0001)  substrates.  The  patterns  were  very 
streaked  and  showed  Kikuchi  lines.  Along  <lT00>,  additional  streaks  were  seen  due  to 
reconstruction  of  the  AIN  surface  which  also  implied  that  the  films  had  very  smooth  surfaces. 
The  RHEED  pattern  can  be  interpreted  as  a  (V^ x-\/3)R30°  reconstruction.  The  two 
reconstruction  streaks  observed  only  in  the  <lT00>  pattern  were  also  typical  for  growth  on  the 
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vicinal  surfaces  and  C-faced  on-axis  surfaces.  In  some  cases,  however,  additional  weak 
reconstruction  streaks  were  seen  in  the  <1100>  patterns  indicating  some  other  type  of 
reconstruction.  Another  possibility  is  that  the  (-\/3  x-v/^)R30°  reconstruction  coexists  with  a 
second  type  of  reconstruction.  Reconstructed  AIN  surfaces  were,  to  the  author’s  best 
knowledge,  reported  for  the  first  time  [6,7]. 

Measurements  via  AFM  confirmed  that  the  AIN  surfaces  were  smooth.  The  root  mean 
square  (RMS)  value  of  the  surface  roughness  were  below  1  nm  for  all  measured  samples  in 
this  work.  Cross  sections  of  the  samples  investigated  by  TEM  showed  very  flat  surfaces  in 
agreement  with  the  RHEED  and  AFM  results.  The  films  had  a  domain  structure  with  mismatch 
boundaries  which  is  common  for  AIN  films.  A  highly  c-axis  oriented  structure  and  no 
secondary  phases  were  observed  using  XRD.  SIMS  measurements  of  the  levels  of  oxygen, 
carbon  and  silicon  showed  that  the  concentration  of  all  these  materials  were  high.  For  instance, 
the  lowest  concentration  of  oxygen  in  the  GSMBE  grown  films  were  -10^^  cm'^. 


D.  Future  Research  Plans  and  Goals 

Presently  the  RHEED,  RGA,  TEM,  XRD,  and  SIMS  data  from  the  AIN  films  are  being 
analyzed.  This  will  result  in  more  detail  regarding  the  GSMBE  growth  of  AIN. 

The  previous  research  [8-10]  on  GSMBE  deposition  of  SiC  on  6H-SiC  substrates  will  be 
continued.  Investigations  regarding  the  mechanisms  controlling  the  surface  chemical  effects  of 
H2  on  SiC  growth  rate  and  polytype  change  (3C  to  6H)  will  be  investigated  in  more  detail.  The 
experiments  will  also  be  conducted  on  4H-SiC  substrates.  A  goal  in  this  research  is  to 
investigate  the  possibilities  to  deposit  6H  or  4H-SiC  on  3C-SiC  and  wurtzite  AIN. 
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III.  Defects  in  Silicon  Carbide  Homoepitaxial  Layers 

A.  Introduction 

The  advantages  of  SiC-based  devices  for  numerous  applications  in  optoelectronics,  high- 
temperature  electronics,  radiation  resistance  electronics,  and  high-power/high-frequency 
electronics  [1,2]  are  impeded  by  the  various  materials-related  problems,  such  as  the  defects  and 
the  impurities  incorporated  in  the  homoepitaxial  SiC  layer  during  the  devices  fabrication.  Most 
of  the  defects  in  the  SiC  epilayers  originate  from  the  corresponding  defect  structures  in  the  SiC 
wafers.  The  defects  present  in  the  SiC  wafers  have  been  studied  by  various  groups 
[3-5].  It  was  found  that  the  screw  dislocations,  micropipes  and  the  subgrain  boundaries  are  the 
predominant  defects  in  the  SiC  wafers.  It  is  recognized  that  the  critical  issues  for  the  wafer 
quality  are  the  stages  of  crystal  growth,  polishing,  epilayer  growth  and  the  postgrowth 
processing  of  the  devices  [6].  Therefore,  the  primary  mechanisms  for  the  formation  of  the 
major  defects,  micropipes  or  super-screw  dislocations  in  the  SiC  wafers,  can  be  classified  as 
[7]:  (i)  fundamental — a)  thermodynamic  (thermal  field  uniformity,  dislocation  formation,  solid 
state  transformation,  vapor  phase  composition,  vacancy  supersaturation)  and  b)  kinetic 
(nucleation  process,  inhomogenious  supersaturation,  constitutional  supercooling,  growth  face 
morphology,  capture  of  gas  phase  bubbles),  and  (ii)  technological — related  to  the  process 
instabilities,  seed  preparation,  and  the  contamination.  It  has  been  found  that  most  of  the  wafer 
growth  defects  can  be  eliminated  and/or  reduced  significantly  by  epilayer  film  growth.  Thus, 
for  device  operation,  the  most  important  defects  are  the  ones  existing  in  the  epilayer.  The 
objective  of  the  presented  investigations  is  to  (i)  identify  the  defects  present  in  4H-SiC 
homoepitaxial  films  and  compare  their  type  and  distribution  with  that  in  the  SiC  wafers;  (ii) 
determine  the  material  origin  of  these  defects;  and  (iii)  correlate  the  type,  density  and 
distribution  of  defect  with  the  electrical  properties  of  a  device. 

B.  Experiment 

To  obtain  information  about  the  defects  and  the  difference  in  their  type  and  distribution 
across  the  SiC  wafers  without  an  epilayer  and  with  an  epilayer,  two  types  of  samples  were 
investigated:  (i)  4H-SiC  wafers,  with  8°  off-cut  angle,  and  (ii)  4H-SiC  wafers,  8°  off-cut,  with 
5  |J.m  thick  4H-SiC  epilayer  [8].  To  study  the  effect  of  the  defects  on  device  operation,  circular 
Ti  Schottky  diodes  were  fabricated  on  the  above  two  types  of  wafers  with  diameters 
50  |im,  100  pm,  150  pm,  and  200  pm.  The  wafers  were  characterized  for  crystalline  quality 
before  and  after  device  fabrication.  Optical  microscopy  (Nomarski  OM)  was  used  to  reveal  the 
overall  surface  morphology.  Scanning  electron  microscopy  (SEM)  and  atomic  force 
microscopy  (AFM)  were  used  to  image  the  surface  morphology  and  the  cores  of  the  micropipes 
and  the  screw  dislocations.  Synchrotron  white  beam  x-ray  topography  (SWBXT)  experiments 
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in  transmission,  reflection  and  diffraction  modes,  were  performed  at  the  Beamline  X-19C  at  the 
NSLS  in  Brookhaven  National  Laboratory  to  characterize  the  crystalline  quality  of  the  samples. 
Electron  beam  induced  current  (EBIC)  experiments  were  performed  with  a  SEM  microscope 
equipped  with  EBIC  attachment  to  characterize  the  electrically  active  regions  throughout  the 
Schottky  device  structures. 

C.  Results  and  Discussion 

Examination  of  the  surfaces  of  the  4H-SiC  wafers  with  Nomarski  OM  revealed  the  overall 
morphology  of  the  surfaces  of  the  two  types  of  samples.  Common  to  the  two  types  of  surfaces 
was  the  non-uniform  distribution  of  the  defects  which  were  with  higher  density  closer  to  the 
edges  of  the  wafers  at  a  distance  ~  one  fourth  to  one  third  of  the  wafers  radius.  The  density  of 
the  defects  at  the  central  regions  was  lower.  Most  of  the  defects  on  the  4H-SiC  wafers  were 
microcracks  with  random  orientation,  micropipes  with  radius  few  to  tens  microns,  and  growth 
pits  [9-11],  as  shown  in  Fig.  la.  The  surfaces  of  the  wafers  with  epilayers  were  free  of 
microcracks,  but  the  micropipes  and  the  pits  were  present,  as  shown  in  Fig.  lb. 


a)  b) 


Figure  1.  Nomarski  OM  from  4H-SiC  wafers  a)  without  an  epilayer  and  b)  with  5  |im 
4H-SiC  epilayer. 

The  morphology  of  the  surfaces  of  the  wafers  and  particularly  that  near  the  defects 
structures  was  studied  by  SEM  and  AFM,  which  revealed  the  non-uniform  defects  distribution 
throughout  the  surfaces.  It  was  interesting  to  note  the  predominantly  ridge-like  type  structure  of 
the  core  of  the  micropipes  in  the  4H-SiC  wafers  with  epilayer,  revealed  from  the  SEM  and 
AFM  observations,  as  shown  in  Fig.  2.  The  directionality  of  these  ridges  is  primarily  along 
[10-19]  which  is  the  growth  front  flow  direction.  Thus,  the  core  of  the  predominant  defect 
structures  in  the  4H-SiC  is  filled  on-uniformly  and,  therefore,  is  an  unwanted  template  for 
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Figure  2.  AFM  image  of  a  core  of  a  micropipe  with  filled  ridge-like  structure  from  a 
4H-SiC  wafer  with  an  epUayer. 

the  devices  to  be  grown  on  top  of  it.  On  many  occasions,  the  micropipes  are  adjacent  to  each 
other  meaning  that  these  superscrew  dislocations  most  probably  have  opposite  Burgers  vectors 
[12]. 

It  is  shown  that  SWBXT  is  particularly  useful  for  revealing  the  configurations  of  crystalline 
defect  structures  and  mixed  phases  in  large  areas  [13,  14].  The  advantages  of  the  synchrotron 
radiation  as  low  divergence  -2x10*4  radians  in  the  vertical  plane,  high  intensity,  excellent 
geometrical  resolution  ~0.04  |Ltm  per  cm  of  the  specimen  to  film  distance  provide  precise 
stmctural  information  for  the  defects  distribution  in  transmission  and  reflection  geometry.  In 
diffraction  geometry,  each  large  area  diffraction  spot  represents  a  map  of  the  diffracting  power 
from  a  particular  set  of  planes  as  a  function  of  the  position  in  the  crystal  with  excellent  point-to- 
point  resolution.  Thus,  each  diffraction  spot  is  x-ray  topograph  from  that  diffracting  particular 
crystal  area.  X-ray  topography  experiments  in  transmission  and  reflection  settings  showed,  in 
agreement  with  other  studies  on  4H-SiC  and  6H-SiC,  that  the  dominant  defects  in  the  4H-SiC 
wafers  are  the  micropipes,  identified  as  hollow  core  screw  dislocations  with  multiple  Burgers 
vector  of  size  2- 10c,  where  c  is  the  lattice  parameter  of  SiC  in  [0001]  direction  [15-19],  as  seen 
from  Fig.  3.  The  micropipes  with  varying  size  are  non-uniformly  distributed  across  the  wafers 
as  their  density  is  again  higher  near  the  edges.  Growth  pits  are  also  readily  observed  across  the 
areas,  and  their  density  is  higher  in  the  wafers  with  epilayer.  A  large  portion  of  the  defect 
structures  in  the  4H-SiC  wafers  without  epilayer  revealed  by  SWBXT  are  the  domain 
boundaries  which  are  very  few  in  the  4H-SiC  wafers  with  epilayer.  Synchrotron  white  beam 
x-ray  topography  in  the  diffraction  mode  taken  from  the  center  of  the  wafers  with  fabricated 
Schottky  device  structures  revealed  triangular  defects  [1 1]  which  have  been  identified  to  exist 
in  6H-SiC  and  4H-SiC  epilayers  as  the  cubic  3C-SiC  (p-SiC)  phase  [20]. 
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Figure  3.  SWBXT  image  in  transmission  mode  of  a  4H-SiC  wafer  with  4H-SiC  epilayer. 

Micropipes  are  readily  seen  as  white  circles  predominantly  closer  to  the  edges  of 
the  wafer. 

Electron  beam  induced  current  studies  were  performed  on  Schottky  device  structures  to 
reveal  the  electrically  active  regions  across  the  wafer  surface.  In  this  technique,  the  charge 
carriers  generated  by  the  electron  beam  of  the  microscope  are  collected  by  the  electric  field 
within  the  material  and  sensed  as  a  current  in  the  external  circuit.  When  employed  as  a  video 
signal  of  the  SEM,  this  collected  current  image  reveals  inhomogeneities  in  the  electrical 
properties  of  the  material.  Electron  beam  induced  current  studies  revealed  that  the  electrically 
active  defect-related  centers  display  three  types  of  contrast  shape:  (i)  circular,  (ii)  single  line  or 
line  clusters,  and  (iii)  large  triangular  shapes,  as  shown  in  Fig.  4.  The  circular  pattern  with 
varying  size  in  the  EBIC  image  can  be  associated  with  the  open  micropipes  or  the  superscrew 
dislocations,  revealed  by  all  other  characterization  techniques.  The  line  and  line  cluster  defects 
can  be  associated  possibly  with  the  ridge-like  structure  of  the  closed  micropipes.  The  large 
triangular  defects  can  be  associated  with  the  3C-SiC  inclusions  in  the  4H-SiC  epilayer  as 
studied  extensively  by  SWBXT  [20].  Also,  the  4H-SiC  wafers  without  epilayer  revealed  lower 
defects  density  compared  to  the  wafers  with  epilayer.  Increase  of  the  electron  beam  voltage 
from  5  to  30  kV,  at  a  step  of  5  kV,  i.e.  increase  of  the  penetration  depth  of  the  electrons, 
enhances  the  contrast  from  these  triangular  defects,  revealing  that  they  originate  deeper  from 
the  epitaxial  film  surface  in  the  vicinity  of  the  interface  region.  This  is  in  agreement  with  the 
observations  from  other  researchers  that  the  3C-SiC  phase  can  be  formed  at  the  4H-SiC 
epi/4H-SiC  wafer  interfaces  when  the  step-flow  mode  is  disturbed. 

Attempts  will  be  made  to  correlate  the  triangular  defects  observed  with  EBIC,  SWBXT, 
and  TEM  to  proof  their  (J-SiC  nature  and  reveal  their  origin.  The  origin  for  the  strong  electrical 
activity  of  these  defects  has  to  be  determined,  as  well. 


a)  b) 

Figure  4.  EBIC  images  from  4H-SiC  wafer  a)  without  epilayer  and  b)  with  4H-SiC 
epdayer. 


D.  Summary 

Various  characterization  techniques  have  been  employed  to  analyze  the  morphology  and 
crystal  structure  quality  of  the  4H-SiC  wafers.  It  was  found  from  all  characterization  studies 
that  the  dominant  defects  are  the  micropipes  or  super  screw  dislocations  with  Burgers  vectors 
2- 10c.  They  are  distributed  non-uniformly  across  the  surface  with  lower  density  at  the  center. 
Most  of  the  micropipes  are  with  closed  ridge-type  cores,  as  revealed  with  SEM  and  AFM. 
Inclusions  from  a  second  phase  present  in  the  4H-SiC  epilayers,  which  can  be  associated  with 
the  cubic  p-SiC  phase  as  revealed  from  SWBXT.  The  strong  triangular  contrast  from  the  EBIC 
images  suggests  that  these  triangular  defects  are  extremely  electrically  active,  as  the  electrical 
activity  is  stronger  closer  to  the  4H-SiC  epi/4H-SiC  wafer  interface.  The  source  of  this 
electrical  activity  has  yet  to  be  determined. 
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Abstract 


X-ray  photoelectron  spectroscopy  (XPS),  Auger  electron  spectroscopy  (AES),  low  energy 
electron  diffraction  (DEED),  and  temperature  programmed  desorption  (TPD)  were  used  to 
examine  the  interaction  of  atomic  hydrogen  with  (3x3)  6H-SiC  (OOOl)si  surfaces.  It  was  found 
that  atomic  hydrogen  exposure  selectively  removes  silicon  from  the  SiC  surface  converting  the 
(3x3)  surface  to  a  (1x1)  surface.  Selective  removal  of  silicon  was  witnessed  by  the  reduction 
and  removal  of  the  Si-Si  bonding  Si  2p  XPS  peak  from  (3x3)  (OOOl)si  6H-SiC  surfaces 
exposed  to  atomic  hydrogen.  Additional  etching  of  the  SiC  surface  was  indicated  by  the 
reduction  in  the  Si  LVV/C  KLL  ratio  in  AES  from  1.3  to  0.4  following  exposure  of  (3x3) 
surfaces  to  a  remote  rf  H  plasma.  TPD  of  atomic  H  treated  (3x3)  SiC  surfaces  showed  weak 
hydrogen  desorption  in  the  range  of  400-600°C  where  desorption  from  silicon  atoms  would  be 
expected  by  analogy  to  (1 1 1)  Si.  However,  the  hydrogen  desorption  signal  increased  at  higher 
temperatures  where  hydrogen  desorption  from  carbon  sites  would  be  expected  based  on 
analogy  to  (111)  diamond  surfaces.  C-H  termination  of  the  SiC  surface  was  supported  by  the 
observation  of  some  C-C  bonding  after  thermal  desorption  of  rf  plasma  treated  SiC  surfaces  at 
T  >  1000°C. 


Submitted  to  Surface  Science 
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I.  Introduction 

Hydrogen  is  a  common  constituent  in  many  semiconductor  processes  including  chemical 
vapor  deposition  (CVD),  reactive  ion  etching  (RIE),  wet  chemical  cleaning,  gas  source 
molecular  beam  epitaxy  (GSMBE),  and  rapid  thermal  annealing  (RTA)  [1-12].  Knowledge  of 
the  interaction  and  chemistry  of  hydrogen  at  semiconductor  surfaces  is,  therefore,  of  great 
importance  in  order  to  understand  the  fundamentals  of  the  above  processes.  For  these  reasons, 
many  surface  analytical  studies  concerned  with  the  interaction  of  hydrogen  with  semiconductor 
surfaces  such  as  silicon,  diamond,  and  gallium  arsenide  [13-46]  have  been  conducted. 
However,  there  have  been  relatively  few  surface  analytical  studies  concerned  with  the 
interaction  of  hydrogen  and  silicon  carbide  (SiC)  [47-51].  Silicon  carbide  is  a  wide  band  gap 
semiconductor  (Eg  (6H-SiC)  =  3.0  eV)  which  is  of  interest  for  high-power,  high-frequency, 
and  high-temperature  electronic  devices  due  to  its  excellent  oxidation  resistance,  high  saturation 
electron  drift  velocity  (Vgat  =  2x10^  cm/s),  high  breakdown  voltage  (Eg  =  2.5  MV/cm),  high 
thermal  conductivity  (k  =  4.9  W/cm  K),  and  high  melting  point  (Tmeit  “  3000°C)  [52,53].  Due 
to  moderately  close  lattice  matching  (Aa/ao  AlN/SiC  =  0.8%,  GaN/SiC  =  3.5%),  SiC  is  also  of 
interest  as  a  heteroepitaxial  substrate  for  growth  of  III-V  nitride  compounds  which  in  turn  are 
of  interest  for  blue/UV  optoelectronic  applications,  as  well  as  high-power  and  high-frequency 
devices  [54].  Unfortunately,  many  of  the  same  properties  which  make  SiC  of  interest  in  these 
demanding  conditions  also  makes  it  a  challenging  material  to  work  with  from  a  processing 
point  view.  Therefore,  in  order  for  SiC  to  succeed  in  many  of  these  applications,  advances 
must  be  made  in  SiC  processing  such  as  growth,  etching,  contact  formation,  and  surface 
cleaning  [52].  As  many  of  these  processes  are  currently  based  on  using  hydrogen  or 
hydrogenated  species,  an  increased  understanding  of  the  interaction  of  hydrogen  with  SiC 
surfaces  should  assist  in  the  further  development  of  these  processes. 

Some  of  the  first  investigations  of  the  interaction  of  hydrogen  with  SiC  revealed  that 
etching  of  SiC  by  hydrogen  occurred  at  high  temperatures  (>1500°C)  [55-58].  The  work  of 
Chu  and  Campbell  [55]  in  particular  found  hydrogen  to  be  a  non-preferential  etchant  for  single 
crystal  hexagonal  SiC  yielding  useful  etch  rates  of  2-4  microns/min.  at  temperatures  of  1600- 
1700°C.  Further,  Bartlett  and  Mueller  [57],  found  an  H2  etch  prior  to  SiC  CVD  to  be 
instrumental  in  obtaining  good  homoepitaxy.  Subsequent  hydrogen/SiC  studies  focused  on  the 
interaction  of  high  energy  H+  and  D+  ions  (i.e.  sputtering  and  implantation)  with 
polycrystalline  3C-SiC  which  in  these  studies  was  being  considered  as  a  first  wall  material  for 
thermonuclear  fusion  reactors  [59-65].  However,  more  recent  studies  have  investigated  the 
interaction  of  low  energy  (i.e.  thermally  generated)  atomic  hydrogen  with  polycrystalline 
3C-SiC  surfaces  [47-48].  The  first  such  study  by  Allendorf  et  al.  [47]  used  temperature 
programmed  desorption  (TPD)  and  Auger  electron  spectroscopy  (AES)  to  investigate  the 
adsorption  and  desorption  of  thermally  generated  hydrogen  on  sputter  cleaned  polycrystalline 
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3C-SiC  surfaces.  They  observed  >  1  ML  adsorption  of  hydrogen  which  was  observed  via  TPD 
to  desorb  in  a  broad  temperature  range  from  400-1000°C.  Analysis  of  the  broad  desorption 
feature  indicated  two  desorption  peaks  at  700  and  850°C  characterized  by  first  order  desorption 
with  activation  energies  of  63  and  72  kcal/mole,  respectively.  Due  to  the  polycrystalline  nature 
of  these  surfaces,  Allendorf  et  al.  [47]  unfortunately  were  not  able  to  assign  these  two 
desorption  features  to  desorption  from  specific  sites.  However,  they  did  show  a  reduction  in 
the  AES  Si/C  ratio  from  1.31  to  0.46  after  atomic  H  exposure  suggesting  etching  or  selective 
etching  of  the  SiC  surface.  A  similar  effect  was  observed  by  Lannon  et  al.  [49]  for 
polycrystalline  3C-SiC  films  exposed  to  ions  of  various  energies  (10-2000  eV).  In 

this  case,  the  3C-SiC  films  were  grown  in  situ  via  carbonization  of  (001)  silicon  wafers  with 
C2H4  and  were  not  exposed  to  any  sputtering.  Finally,  the  reaction  of  thermally  generated 
atomic  hydrogen  with  polycrystalline  3C-SiC  films  was  also  studied  by  Kim  and  Olander  [48] 
using  modulated  molecular  beam  mass  spectrometry.  In  this  case,  they  were  able  to  observe 
etching  of  SiC  by  atomic  hydrogen  at  temperatures  ranging  from  300-1  lOOK  via  the  detection 
of  SiH4,  CH4,  and  C2H2  reaction  products.  Based  on  their  study  and  those  of  Allendorf  et  al. 
[47],  Kim  and  Olander  proposed  a  precursor  model  for  SiH4  and  CH4  formation  based  on  a 
surface  composed  of  adsorbed  atomic  hydrogen  overlaying  mono  and  dihydrides  of  silicon  and 
carbon  on  the  SiC  surface.  In  their  model,  the  dihydrides  act  as  the  precursors  for  SiH4  and 
CH4  generation  and  the  production  of  these  species  follows  a  first  order  reaction  between 
dihydrides  and  the  overlayer  of  adsorbed  atomic  hydrogen.  However,  the  results  of  Kim  and 
Olander  and  those  of  Kim  and  Choi  [58]  showed  pronounced  and  enhanced  etching  of 
polycrystalline  3C-SiC  surfaces  at  grain  boundaries  suggesting  that  their  results  may  be  more 
indicative  of  processes  occurring  at  grain  boundaries  rather  than  at  crystalline  surfaces. 
Therefore,  in  this  study  we  have  chosen  to  examine  the  reaction  of  atomic  hydrogen  with  single 
crystal  (3x3)  reconstructed  (OOOl)sj  6H-SiC  surfaces. 

The  (3x3)  reconstructed  (OOOl)si  6H-SiC  surface  is  rapidly  becoming  a  well-characterized 
semiconductor  surface  [66-73]  and  common  starting  point  for  most  MBE  growth  of  SiC,  AIN, 
and  GaN  on  (OOOl)si  6H-SiC  substrates  [73-75].  This  surface  has  been  shown  to  consist  of  an 
incomplete  bilayer  of  silicon  overlaying  the  SiC  surface  [66-68,76].  In  addition,  STM 
investigations  have  shown  this  bilayer  to  be  arranged  in  a  structure  similar  to  the  (7x7)  Si  (1 1 1) 
DAS  model  [70-72].  In  our  case,  this  surface  was  prepared  by  chemical  vapor  cleaning 
processes  and  was  not  exposed  to  sputtering  processes  which  are  known  to  create  a  number  of 
surface  defects  which  can  control  surface  chemistry.  Surface  analytical  techniques  such  as  UV 
and  x-ray  photoelectron  spectroscopy  (UPS  and  XPS),  Auger  electron  spectroscopy  (AES), 
low  energy  electron  diffraction  (LEED),  and  temperature  programmed  desorption  (TPD)  were 
used  to  study  not  only  the  effects  of  atomic  hydrogen  on  the  chemistry  of  SiC  surfaces  but  on 
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the  electronic  structure  of  (3x3)  6H-SiC  (0001  )si  surfaces,  as  well.  The  details  of  the  effect  on 
the  electronic  structure,  however,  will  be  presented  in  a  separate  paper  [77]. 

In  this  paper,  we  show  that  exposure  of  (3x3)  6H-SiC  (OOOl)si  surfaces  to  atomic 
hydrogen  from  a  remote  if  plasma  source  results  in  complete  removal  of  all  Si-Si  bonded 
silicon  from  the  surface  leaving  a  (1x1)  surface.  In  turn,  TPD  showed  weak  H2  desorption  in 
the  range  of  400-600°C  where  desorption  from  silicon  atoms  would  be  expected  based  on 
analogy  to  (111)  Si  surfaces  [13-19].  A  corresponding  rise  in  H2  desorption  was  observed  at 
higher  temperatures  where  H2  desorption  from  carbon  sites  would  be  expected  based  on 
analogy  to  (111)  diamond  surfaces  [32,  34]  and  which  in  turn  suggests  C-H  termination  of  the 
SiC  surface.  This  was  supported  by  the  observation  of  some  C-C  bonding  after  thermal 
desorption  of  the  rf  plasma  treated  SiC  surface  at  T  >  1000°C.  Similar  to  results  previously 
reported  by  other  researchers,  we  also  observed  removal  of  silicon  from  single  crystal  (3x3) 
6H-SiC  (OOOl)si  SiC  surfaces  using  smaller  fluxes  of  atomic  hydrogen  generated  from  a  hot 
rhenium  filament.  In  this  case,  complete  removal  of  all  Si-Si  bonded  silicon  was  not  observed, 
but  TPD  was  able  to  detect  H2  desorption  in  the  range  of  300-500°C  indicative  of  Si-H 
desorption.  However,  the  hydrogen  desorption  in  this  temperature  range  was  broad  and 
irregular  resembling  desorption  from  (2x1)  B/Si  (001)  surfaces  [78]. 

II.  Experimental  Procedure 

All  experiments  described  below  were  conducted  using  a  unique  ultra  high  vacuum  (UHV) 
configuration  which  integrates  several  completely  independent  UHV  surface  preparation,  thin 
film  growth  and  surface  analysis  systems  via  a  36  ft.  long  transfer  line  having  a  base  pressure 
of  9  10"  10  Torr  (see  Refs.  76  and  79  for  details  of  the  transfer  line,  and  many  of  the  associated 
systems).  The  experiments  described  in  this  paper  employed  the  SiC  atomic  layer  epitaxy 
(ALE)/temperature  programmed  desorption  (TPD),  Auger  electron  spectroscopy  (AES),  low 
energy  electron  diffraction  (LEED),  x-ray  photoelectron  spectroscopy  (XPS),  and  remote  H 
plasma  systems.  A  brief  description  of  these  systems  is  provided  below. 

The  SiC  ALE  system  consisted  of  a  UHV  chamber  with  a  base  pressure  of  3xl0'l*l  Torr 
and  was  equipped  with  a  residual  gas  analyzer  (RGA)  and  a  variety  of  gas  dosers.  For  TPD 
experiments,  the  RGA  (a  0-200  amu  quadrapole  gas  analyzer  from  Hiden  Analytical  Ltd.)  was 
housed  in  a  separate  differentially  pumped  cylindrical  chamber  (similar  in  design  to  that  of 
Smentkowski  and  Yates  [80] ).  The  RGA  chamber  had  a  0.5  cm  diameter  orifice  at  the  head  of 
the  RGA  for  TPD  experiments  and  an  approximately  50  cm^  “sunroof’  which  could  be  opened 
to  allow  monitoring  of  residual  gases  in  the  system.  The  sample  heating  stage  for  the  TPD 
experiments  consisted  of  a  wound  tungsten  heating  filament  positioned  close  to  the  back  of  the 
sample  and  mounted  on  a  boron  nitride  disk  [79].  A  W/6%Re-W/26%Re  thermocouple  was 
employed  to  measure  the  temperature  of  the  backside  of  the  wafer.  Heating  profiles  to  1 100°C 
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were  easily  obtained  using  a  programmable  microprocessor  and  20  amp  SCR  power  supply. 
Actual  surface/sample  temperatures  (i.e.  those  reported  herein)  were  measured  using  an  infra¬ 
red  pyrometer  with  a  spectral  response  of  0.8  to  1.1  |a.m  and  a  emissivity  setting  of  0.5.  The 
estimated  experimental  accuracy  for  the  latter  temperatures  was  estimated  to  be  ±  25  °C. 

Low  fluxes  of  atomic  hydrogen  were  generated  in  the  ALE  system  using  a  hot  filament 
fabricated  from  0.25  mm  diameter  rhenium  wire.  Temperatures  >1700°C  as  measured  by  the 
previously  mentioned  optical  pyrometer  were  used  to  generate  the  atomic  hydrogen.  The 
rhenium  filament  was  positioned  approximately  3  1/2"  away  from  the  SiC  wafer.  No  attempts 
were  made  to  try  and  accurately  measure  the  atomic  H  flux  at  the  SiC  surface,  and  exposures 
were  quoted  in  units  of  Langmuirs  (10"^  Torr  sec.).  All  hot  filament  atomic  H  exposures  were 
conducted  without  heating  of  the  SiC  by  the  sample  heater  (i.e.  room  temperature).  Any 
heating  of  the  SiC  surface  by  the  hot  filament  is  felt  to  be  minimal  and  at  most  could  have 
raised  the  surface  temperature  by  100°C. 

The  XPS  experiments  were  performed  in  a  stainless  steel  UHV  chamber  (base  pressure  = 
2x10'^®  Torr)  equipped  with  a  dual  anode  (Mg/Al)  x-ray  source  and  a  100  mm  hemispherical 
electron  energy  analyzer  (VG  CLAM  II).  All  XPS  spectra  reported  herein  were  obtained  using 
A1  Ka  radiation  (hv  =  1486.6  eV)  at  12  kV  and  20  mA  emission  current.  XPS  analysis 
typically  required  less  than  1  hour  during  which  time  the  pressure  never  increased  above 
9x10'^®  Torr.  Calibration  of  the  binding  energy  scale  for  all  scans  was  achieved  by  periodically 
taking  scans  of  the  Au  4f7/2  and  Cu  2p3/2  peaks  from  standards  and  correcting  for  the 
discrepancies  in  the  measured  and  known  values  of  these  two  peaks  (83.98  and  932.67  eV, 
respectively)  [81].  Curve  fitting  of  most  data  was  performed  using  the  software  package 
GRAMS  386.  A  combination  Gaussian-Lorentzian  curve  shape  with  a  linear  background  was 
found  to  best  represent  the  data.  The  Auger  electron  spectrometer  and  the  low  energy  electron 
diffraction  optics  were  mounted  on  a  six  way  cross  off  the  transfer  line  and  pumped  through 
the  transfer  line.  In  the  AES  analysis,  a  3  keV,  1mA  beam  was  used.  Each  Auger  electron 
spectrum  was  collected  in  the  undifferentiated  mode  and  numerically  differentiated.  In  LEED  an 
80  eV,  1mA  beam  was  used. 

The  plasma  system  consisted  of  an  all  metal  seal  stainless  steel  vacuum  chamber  pumped 
by  a  330 1/s  turbomolecular  pump.  The  base  pressure  of  this  system  was  4x10*^  Torr  and  was 
limited  by  the  double  o-ring  sealed  quartz  tube  attached  to  the  top  of  the  system  where  the  rf 
discharge  was  produced.  The  process  gases  flowed  through  this  quartz  tube  and  an  inductively 
coupled  plasma  was  generated  using  an  rf  power  supply  (13.56  MHz)  and  rf  matching  network 
attached  to  a  copper  coil  wrapped  around  the  quartz  tube.  The  sample  was  located  40  cm  down 
from  the  center  of  the  rf  coil.  An  inline  Nanochem  purifier  and  filter  was  used  for  point  of  use 
purification  of  hydrogen.  Sample  heating  in  the  plasma  system  was  conducted  using  a  sample 
heater  similar  in  design  to  the  one  previously  described  in  the  ALE  system.  Depending  on  the 
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chamber  pressure  and  rf  power,  the  plasma  could  be  maintained  in  the  quartz  tube  or  extended 
down  toward  the  sample  region.  For  the  experiments  described  in  this  study,  an  rf  power  of 
20  W  and  a  chamber  pressure  of  10-15  mTorr  was  used  which  confines  the  plasma  to  the 
quartz  tube  (i.e.  a  remote  plasma).  The  plasma  system  was  also  equipped  with  a  differentially 
pumped  0-100  amu  RGA  which  allowed  direct  analysis  of  the  purity  of  the  process  gases. 
RGA  analysis  of  the  hydrogen  (99.999%  purity)  used  in  these  experiments  after  in  situ 
purification  revealed  that  the  impurity  level  of  these  gases  were  below  the  baseline  of  the 
system  (<lppm). 

The  n-type  (ND=10^^/cm3),  1"  diameter,  off  axis  (4°  toward  {11-20})  (OOOl)si  6H-SiC 
wafers  used  in  this  research  were  supplied  by  Cree  Research  with  an  «  1  |j,m  n-type 
(ND=10l’^/cm3)  6H  epilayer  and  a  lOOOA  thermally  grown  oxide.  The  thermal  oxide  was 
removed  by  a  10  min.  dip  in  10:1  HF.  The  unpolished  back  side  of  each  wafer  was 
subsequently  coated  via  RF  sputtering  with  tungsten  to  increase  the  heating  efficiency  of  the 
SiC,  as  the  latter  is  partially  transparent  to  the  infrared  radiation  emitted  from  the  tungsten 
filament  heater.  After  coating  the  backside  of  the  SiC  wafer  with  tungsten,  the  SiC  wafers  were 
ultrasonically  rinsed  in  trichloroethylene,  acetone  and  methanol  each  for  5-10  min.  and  then 
exposed  to  the  vapor  from  a  10:1  buffered  HF  solution  for  10  min.  The  wafers  were  then 
mounted  to  a  1"  diameter  ring  shaped  Mo  sample  holder  using  Ta  wire  and  inserted  into  the 
transfer  line  load  lock  for  experimentation.  The  SiC  wafer  was  then  loaded  into  the  SiC  ALE 
system  and  annealed  in  10'^  Torr  SiH4  for  15  min.  at  1050°C.  This  produced  an  oxygen  free 
(3x3)  reconstructed  surface  [76].  For  comparison  purposes.  Si  (111)  wafers  were  also 
examined  in  this  study.  In  this  case,  n-type  (0.8-1. 2  Q  cm)  Si  (111)  wafers  were  cleaned  by 
dipping  in  10: 1  HF  to  remove  the  thermal  oxide  and  then  annealed  in  the  ALE  system  at 
950°C.  This  produced  an  oxygen  free  (7x7)  reconstructed  surface. 

III.  Results 

Interaction  of  rf  Atomic  H  with  (3x3)  Vicinal  (0001 )si  6H-SiC  Surfaces.  Figure  la  shows 
an  AES  spectrum  obtained  from  a  (OOOl)si  6H-SiC  wafer  after  annealing  in  SiH4  to  produce 
the  (3x3)  reconstructed  SiC  surface.  As  illustrated,  the  treatment  removes  oxygen  from  the  SiC 
surface  to  levels  below  the  detection  limit  of  AES  and  produces  a  silicon  rich  surface. 
Accounting  for  the  2:1  difference  in  sensitivity  between  Si  and  C  in  AES  [47],  the  Si/C  peak  to 
peak  height  (pph)  ratio  for  the  3x3  surface  shown  here  was  1.35.  Figure  2a  shows  an  XPS 
spectrum  of  the  Si  2p  core  level  obtained  from  the  same  surface.  As  displayed,  two  peaks  at 
99.5  and  101.5  eV  were  detected  by  XPS  and  which  were  indicative  of  Si-Si  and  Si-C  bonding 
respectively.  This  figure  indicates  the  >  1  Si/C  pph  ratio  in  AES  for  the  (3x3)  6H-SiC  surface 
is  primarily  due  to  excess  silicon  deposited  on  the  surface.  In  previous  studies,  it  has  been 
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shown  that  the  (3x3)  reconstruction  corresponds  to  an  incomplete  bilayer  coverage  of  silicon 
on  top  of  the  SiC  surface  [67,68,76]. 


Figure  1.  AES  of  (3x3)  reconstructed  (OOOl)si  6H-SiC  (a)  before  remote  H  plasma,  and 
(b)  after  remote  H  plasma  (1  min.,  20  W,  15  mTorr,  and  450°C) 


Binding  Energy  (eV) 


Figure  2.  XPS  of  the  Si  2p  core  level  from  (3x3)  reconstructed  (OOOl)si  6H-SiC  (a) 
before  remote  H  plasma,  and  (b)  after  remote  H  plasma  (1  min.,  20  W, 
15  mTorr,  and  450‘’C) 
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Figure  lb  shows  an  AES  spectrum  obtained  from  the  (3x3)  6H-SiC  (OOOl)si  wafer  after  a 
1  min.,  450°C  remote  rf  plasma  treatment  (20W,  15  mTorr).  As  can  be  seen,  the  intensity  of 
the  Si  LVV  transition  is  greatly  reduced  by  the  rf  plasma  exposure  and  the  corresponding 
Si/C  pph  ratio  is  reduced  to  0.4.  Correspondingly,  a  reduction/elimination  of  the  Si-Si  bonding 
peak  in  the  Si  2p  XPS  spectrum  was  also  observed  (see  Fig.  2b).  (Note:  the  shift  in  energy  of 
the  Si  2p  anc  C  Is  core  levels  with  H  plasma  processing  is  related  to  band  bending  effects 
discussed  in  a  separate  paper  [77]).  Additionally,  the  LEED  pattern  from  this  surface  was 
observed  to  switch  from  (3x3)  to  (1x1).  The  (1x1)  pattern  was  composed  of  broad  dots 
suggestive  of  increased  surface  disorder.  This  etching  phenomena  was  observed  to  occur 
throughout  the  temperature  range  investigated  (25-800°C).  At  this  point,  we  also  note  that  the 
pph  Si/C  ratio  obtained  in  AES  here  was  very  similar  to  the  value  of  0.47  obtained  by 
Allendorf  et  al.  [47]  from  polycrystalline  3C-SiC  films  exposed  to  thermally  generated  atomic 
H. 

As  hydrogen  can  not  be  detected  by  either  AES  or  XPS,  TPD  was  used  to  confirm  that 
hydrogen  adsorbed  or  desorbed  from  the  SiC  surface.  Figure  3  shows  a  TPD  spectrum 
obtained  from  the  450°C  rf  plasma  treated  SiC  surface.  In  our  case,  we  were  only  able  to 
observe  a  weak  desorption  feature  centered  around  6(X)°C.  Beyond  this  feature,  the  intensity  of 
the  H2  signal  was  observed  to  gradually  increase  to  the  endpoint  of  our  temperature  data 
acquisition  hardware  which  is  950°C.  This  gradual  hydrogen  desorption  at  higher  temperatures 
could  be  related  to  the  hydrogen  desorption  observed  from  450-950°C  by  Allendorf  et  al.  [47]. 
However,  it  could  also  be  due  to  desorption  of  subsurface  hydrogen  or  outgassing  from  our 
heater.  Allendorf  et  al.  [47]  have  previously  noted  desorption/outgassing  of  subsurface 
hydrogen  at  1000°C  from  their  polycrystalline  3C-SiC  films  due  to  residual  hydrogen  trapped 
in  the  SiC  during  CVD  growth  of  the  SiC  film.  However  in  their  case,  the  outgassing  feature 
was  observed  to  be  quite  abrupt  and  intense  whereas  we  observed  a  gradual  rise  in  the  H2 
signal.  Additionally,  we  typically  observe  higher  levels  of  outgassing  of  subsurface  hydrogen 
from  rf  plasma  treated  silicon  wafers  at  much  lower  temperatures  (data  not  shown).  This  could 
however  be  related  to  the  observation  of  Keroak  and  Terreault  [65]  that  implanted  deuterium 
desorbs  from  silicon  at  relatively  lower  temperatures  than  SiC  (1200  vs.  2700°C). 

To  test  outgassing  of  our  heater  as  a  source  of  hydrogen  in  TPD  experiments  on  plasma 
treated  SiC,  we  acquired  a  TPD  spectrum  of  the  heater  just  prior  to  the  SiC  TPD  experiments 
(see  Fig.  4a).  As  can  be  seen,  an  essentially  featureless  spectra  was  obtained  with  the  detected 
H2  signal  being  two  orders  of  magnitude  lower  than  that  from  the  plasma  treated  SiC.  To  test 
outgassing  of  the  moly  sample  holder,  we  additionally  performed  TPD  on  a  1"  diameter 
molybdenum  plate  exposed  to  the  same  plasma  conditions  as  the  SiC  wafer  (see  Fig.  4b).  In 
this  case,  we  observed  a  large  and  broad  desorption  spectrum  centered  at  =  550°C  which  is 
typical  for  surface  and  subsurface  desorption. 
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Figure  3.  TPD  of  (1x1)  6H-SiC  (OOOl)si  after  remote  H  plasma  exposure  (1  min.,  20  W, 
15  mTorr,  and  450'C),  (6  =  rC/sec.). 


200  300  400  500  600  700  800  900 

Temperature  (°C) 


Figure  4.  TPD  of  (a)  sample  heating  stage  after  outgassing,  and  (b)  molybdenum  plate 
after  remote  H  plasma  exposure  (1  min.,  20  W,  15  mTorr,  and  450°C), 
(6=r  C/sec.). 
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Finally,  XPS  of  the  C  Is  core  level  before  and  after  TPD  revealed  the  presence  of  a  second 
C  Is  peak  after  TPD  (see  Fig.  5).  However  after  TPD,  the  SiC  surface  still  displayed  a  (1x1) 
LEED  pattern.  Before  TPD,  the  XPS  showed  only  one  C  Is  peak.  After  TPD,  a  second  peak  at 
higher  binding  energy  appeared  and  which  is  indicative  of  some  C-C  bonding  at  the  surface.  In 
the  TPD  experiments,  the  SiC  wafer  dwells  at  the  maximum  temperature  (=1000°C)  for  less 
than  a  minute.  In  our  experience,  the  time  at  this  temperature  is  not  sufficiently  long  enough  to 
result  in  the  volatilization  of  a  enough  silicon  to  produce  this  much  C-C  bonding  at  the  surface 
alone.  Therefore,  the  appearance  of  some  C-C  bonding  must  be  related  to  the  loss  of  hydrogen 
from  the  SiC  surface. 

Interaction  of  Thermal  Atomic  H  with  (3  >3)  vicinal  (0001 )si  6H-SiC  Surfaces.  In  order  to 
separate  out  subsurface  hydrogen  outgassing  and  other  plasma  related  induced  effects,  atomic 
H  generated  via  cracking  H2  over  a  hot  rhenium  filament  was  also  used  as  a  source  of  atomic 
hydrogen.  For  comparison  purposes,  TPD  spectra  were  first  acquired  from  (7x7)  Si  (111) 
surfaces  exposed  to  atomic  hydrogen  generated  by  the  hot  filament.  In  these  experiments,  it 
was  observed  that  the  surface  switched  to  (1x1)  after  the  atomic  H  exposure.  Figure  6  shows  a 
TPD  spectrum  acquired  from  the  hydrogen  terminated  (1x1)  Si  (1 1 1)  surface.  As  can  be  seen, 
a  sharp  desorption  peak  centered  at  «  475°C  typical  of  monohydride  (Bi)  desorption  from 
silicon  was  observed  [13,15-18].  The  shoulder  at  lower  energies  was  assigned  to  dihydride 


Figure  5.  XPS  of  the  Cls  core  level  from  (OOOl)si  6H-SiC  (a)  before  remote  H  plasma, 
(b)  after  remote  H  plasma  (1  min.,  20  W,  15  mTorr,  and  450°C),  and  (c)  after 
annealing  at  1000°C. 
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and  trihydride  (62,3)  desorption  from  silicon  [13,15-18].  The  ability  to  detect  these  features 
demonstrates  the  ability  of  the  hot  filament  to  produce  atomic  hydrogen  as  well  as  validates  our 
TPD  apparatus. 

Figure  7  shows  an  AES  spectrum  of  a  (3x3)  6H-SiC  (OOOl)sj  surface  before  and  after 
exposure  to  atomic  H  (2000  Langmiur  H2)  from  the  hot  rhenium  filament.  In  this  case,  the  hot 
filament  H  exposure  was  observed  to  still  maintain  a  Si/C  ratio  of  >  1  but  the  ratio  did  decrease 
from  1.35  to  0.9  and  the  LEED  pattern  was  observed  to  switch  from  (3x3)  to  (1x1)  (however, 
in  this  case  the  LEED  pattern  displayed  sharp  dots).  This  observation  was  supported  by  a 
similar  reduction  in  the  intensity  of  the  Si-Si  Si  2p  peak  in  XPS.  Unlike  the  (1 1 1)  Si  surface 
however,  a  sharp  desorption  feature  was  not  observed  from  the  SiC  surface  exposed  to  atomic 
H  (see  Fig.  8)  with  only  broad  H2  desorption  in  the  range  of  350-650°C  being  detected.  In  this 
case,  the  SiC  TPD  spectra  more  closely  resembled  the  TPD  spectra  of  Kim  et  al.  [78]  obtained 
from  (2x1)  B/Si  (001)  surfaces.  Additionally,  XPS  did  not  detect  any  C-C  bonding  at  the  SiC 
surface  after  TPD  of  the  SiC  surfaces  treated  with  atomic  H  from  the  hot  filament. 

As  a  final  check,  TPD  spectra  were  also  acquired  from  chemically  vapor/silane  cleaned 
(3x3)  SiC  surfaces  which  had  been  cooled  in  the  silane  to  =  300°C  (see  Fig.  9).  The  samples 
were  cooled  in  SiFL  to  300°C  to  hopefully  maintain  some  hydrogen  termination  of  the  SiC 
surface  without  preferentially  losing  silicon  from  the  surface.  In  this  case,  more  pronounced 
hydrogen  desorption  at  475-525  °C  was  observed  and  which  was  more  comparable 


Figure  6.  TPD  of  Si  (111)  after  room  temperature  exposure  to  2000£  H2  with  rhenium 
filament  at  >  17(X)°C  (6=rC/sec.) 
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TPD  of  (OOOl)si  6H-SiC  after  room  temperature  exposure  to  2000£  H2  with 
rhenium  filament  at  >  17(X)°C  (6=rC/sec.) 


Figure  9.  TPD  of  (3x3)  6H-SiC  (OOOl)si  after  cooling  to  300°C  in  lO'^  Torr  SiH4 
(6=rC/sec.) 

to  hydrogen  desorption  from  the  Si  (111)  TPD  spectra.  However,  the  intensity  of  this 
hydrogen  desorption  feature  was  not  nearly  intense  or  sharp  as  that  observed  from  the  Si  (1 1 1) 
wafer.  This  could  be  related,  though,  to  the  inability  of  the  silane  flux  to  maintain  a  hydrogen 
terminated  surface  at  low  temperatures. 

IV.  Discussion 

In  order  to  gain  a  better  understanding  of  the  observed  etching  of  SiC  surfaces  presented 
above,  the  authors  feel  that  it  is  necessary  to  first  separately  consider  the  etching  of  the  two 
elemental  components  of  SiC  (i.e.  silicon  and  diamond).  Previous  studies  have  reported 
etching  of  silicon  [14,24,28],  diamond  [32,34,37,39],  and  amorphous  silicon  carbon  alloys 
[82]  by  atomic  hydrogen  produced  either  via  plasma  excitation  or  thermal  decomposition.  In 
the  case  of  silicon,  atomic  hydrogen  etching  has  been  associated  with  the  formation  of  di  and 
trihydrides  (SiH2(a)  and  SiH3(a))  on  the  silicon  surface.  These  species  have  been  shown  to  be 
the  precursors  for  the  final  etch  product,  silane  (SiH4(g))  [14,24].  However,  SiH2(a)  and 
SiH3(a)  species  were  only  observed  to  form  at  low  temperatures  (0-200°C)  where  hydrogen 
desorption  is  negligible.  At  higher  temperatures  (>350°C)  were  hydrogen  desorption  from  di 
and  trihydride  sites  is  more  appreciable,  the  silicon  surface  was  observed  to  be  terminated  by 
mostly  monohydrides  (SiH(a))  and  the  yield  of  etch  products  such  as  SiH4(g)  and  Si2H2(g) 
decreased.  Correspondingly,  studies  on  H  plasma  cleaning  of  silicon  have  observed 
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etching/roughening  of  silicon  surfaces  at  temperatures  <  450°C  and  no  surface  roughening  at 
temperatures  >  450°C  [28]. 

In  the  case  of  diamond,  etch  products  such  as  CHx  and  C2Hx  have  not  been  observed  from 
(001)  or  (111)  single  crystal  diamond  surfaces  exposed  to  atomic  H.  TPD  experiments  on 
single  crystal  (001)  [32,34]  and  (111)  [38]  diamond  surfaces  have  only  shown  recombinative 
desorption  of  hydrogen  at  =>  1000°C.  Etch  precursors  such  as  CHx  or  C2Hx  at «  425°C  have 
only  been  observed  via  TPD  from  (001)  and  (111)  oriented  polycrystalline  CVD  diamond  films 
exposed  to  atomic  H  [39].  However,  Kuttel  et  al.  [37]  clearly  have  observed  etching  of  (001) 
and  (111)  single  crystal  diamond  surfaces  at  temperatures  up  to  870°C  in  a  microwave  H 
plasma  via  a  measured  decrease  in  RMS  surface  roughness  from  7  nm  to  1  nm  after  plasma 
processing.  The  long  etch  time  (17  hr.)  required  by  Kuttel  to  produce  these  results  indicates 
that  the  formation  of  CHx  species  on  diamond  surfaces  by  atomic  H  is  perhaps  slow  or 
inefficient. 

The  simple  observation  that  H  plasma  etching  of  diamond  surfaces  occurs  at  higher 
temperatures  than  that  observed  in  the  case  of  silicon  suggests  that  perhaps  the  atomic  H  etch 
rates  for  silicon  and  carbon  in  SiC  will  be  different.  In  fact,  this  has  already  been  observed  for 
amorphous  SiC  films.  Using  XPS  and  glancing  incidence  XRD,  Kalomiros  et  al.  [82]  have 
shown  preferential  etching  of  silicon  from  an  a-SiC  surface  and  the  formation  of  a 
polycrystalline  hydrogenated  carbon  layer  by  a  rf  plasma  process  at  230°C.  This  behavior  is 
exactly  what  should  be  predicted  based  on  analogy  to  the  observed  etching  characteristics  of 
diamond  and  silicon.  This  behavior  is  also  consistent  with  our  observation  of  the  selective 
removal  of  excess  silicon  from  (3x3)  (0(X)l)si  6H-SiC  surfaces  by  atomic  H  generated  both  by 
plasma  excitation  and  thermal  decomposition. 

A  second  observation  to  be  made  based  on  analogy  to  silicon  and  diamond  is  that  atomic  H 
etching  of  surfaces  generally  occurs  at  low  temperatures  where  hydrogen  desorption  is  low  and 
a  fully  hydrogenated  surface  can  be  maintained.  Therefore,  in  order  to  better  understand  the 
etching  characteristics  of  SiC  surfaces  in  atomic  H,  we  have  attempted  to  estimate  the  hydrogen 
surface  coverage  of  silicon  carbide  surfaces  in  an  atomic  H  flux.  To  do  this,  we  have  used  a 
simple  model  in  which  we  consider  hydrogen  adsorption  and  desorption  from  silicon  and 
carbon  sites  separately.  The  adsorption/desorption  processes  at  silicon  and  carbon  sites  are 
modeled  using  published  data  for  the  kinetics  of  these  processes  on  (001)  silicon  [23,31]  and 
(001)  diamond  surfaces  respectively  [32,34].  Although  the  experimental  data  presented  in  this 
study  is  for  (111)/(0001)  oriented  surfaces,  the  choice  to  use  kinetic  parameters  from  (001) 
orientations  is  primarily  for  sake  of  consistency  as  kinetic  parameters  for  hydrogen  desorption 
from  (111)  diamond  surfaces  are  not  available.  The  values  for  Edes  and  v  used  in  these 
calculations  are  presented  in  Table  I. 
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Table  I.  Kinetic  Parameters  used  to  Model  Hydrogen  Adsorption/Desorption  from  Si  and  C 
Sites  on  SiC  Surfaces.  (Note:  the  data  shown  below  are  for  first  order  processes). 

Si 

C 

B2.3 

Hamza  [32] 

Thomas  [34] 

Edes  (kcal/mol)  47  [23]  25  [3 1]  37 

72.7 

V  (#/sec)  8x1011  107 

3x105 

1013 

For  the  carbon  sites,  hydrogen  desorption  was  modeled  using  the  kinetic  parameters 
determined  for  hydrogen  desorption  from  (001)  diamond  surfaces  by  both  Hamza  et  al.  [32] 
and  Thomas  et  al.  [34].  This  is  primarily  a  result  of  the  extremely  low  value  of  37  kcal/mol  for 
Edes  reported  by  Hamza  et  al.  [32]  which  is  lower  than  that  reported  for  silicon.  This  value  for 
Edes  is  extremely  surprising  given  the  simple  fact  that  hydrogen  desorption  from  diamond 
surfaces  occurs  at  temperatures  500°C  higher  than  on  silicon.  Therefore,  the  data  of  Thomas 
et  al.  [34]  was  used  as  well  since  in  this  case  Edes  =  72.7  kcal/mol  which  is  higher  than  most 
values  reported  for  H2  Edes  from  silicon  surfaces.  Additionally,  Allendorf  et  al.  [47]  have  also 
reported  Edes  =  72  kcal/mol  and  v  =  lO^^/sec  for  hydrogen  desorption  from  polycrystalline  SiC 
surfaces. 

To  estimate  the  SiC  hydrogen  surface  coverage,  we  employ  the  method  of  Schulberg  et  al. 
[94]  in  which  we  assume  a  steady  state  equilibrium  between  the  incoming  flux  of  atomic  H  and 
surface  desorption  of  H2.  Desorption  kinetics  are  typically  described  by  the  general  Polyani- 
Wigner  rate  expression  [31]; 

desorption  rate  =  -d0/dt  =  v"  exp(-Edes/RT)  ( 1 ) 

where: 

n  =  the  reaction  order 

0  =  the  adsorbate  surface  coverage 

V  =  the  pre-exponential  factor,  n©  =  lO^S/cm^  sec, 

Vi  =  10^  Vsec,  n2  =  lO'^  cm^/sec 

Edes  =  ^he  activation  energy  for  desorption 

In  steady  conditions,  the  flux  of  adsorbates  leaving  the  surface  via  desorption  will  be  equal 
to  the  incoming  flux  of  adsorbate  times  the  adsorbate  sticking  coefficient.  The  sticking 
coefficient  is  described  by: 
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S  =  So(l-0/0max)" 


(2) 


where 

S  =  Sticking  Probability 

Sq  =  Initial  Sticking  Probability  (i.e.  S  at  0  =  0) 

0max  =  Maximum  Surface  Coverage 

The  combination  of  Eqs.  1  and  2  allows  the  determination  of  the  steady  state  surface 
coverage  of  the  adsorbate  [94].  Based  on  this  model  and  the  desorption  kinetic  data  tabulated 
above,  we  have  estimated  the  surface  coverage  of  hydrogen  on  silicon  and  carbon  sites  both  as 
a  function  of  temperature  and  flux.  The  results  are  presented  in  Figs.  10-13  and  are  based  on 
the  assumption  of  a  unity  initial  sticking  coefficient  (i.e.  Sq  =  1). 

Figures  10  and  1 1  show  the  estimated  monohydride  and  di/trihydride  surface  coverages  for 
silicon  sites  as  a  function  of  temperature  and  flux  (ML/sec).  Figure  10  indicates  that  in  fluxes 
typical  of  low  pressure  hydrogen  plasma  processes,  all  silicon  sites  should  be  saturated  with 
hydrogen  up  to  temperatures  of  =  800°C.  However,  Fig.  1 1  indicates  that  the  concentration  of 
di/trihydrides  should  start  to  decrease  around  500-600°C.  Although  the  temperature  range  is 
slightly  higher,  this  is  clearly  consistent  with  the  previously  reported  etching  behavior  of 
silicon  in  a  remote  H  plasma.  Accordingly,  etching  of  silicon  in  SiC  should  stop  or  decrease  at 
temperatures  above  «  600°C.  However,  as  shown  in  Figs.  12  and  13,  carbon  sites  on  SiC 
surfaces  should  remain  saturated  with  hydrogen  up  to  temperatures  of  1000-1 100°C  indicating 
that  etching  of  carbon  in  SiC  could  continue  up  to  temperatures  these  very  same  temperatures. 


Figure  10.  Mono-hydride  surface  coverage  on  silicon  sites  of  SiC. 
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Figure  12.  Hydrogen  surface  coverage  on  carbon  sites  of  SiC  based  on  kinetic  data  of 
Hamza  [32]. 

We  also  note  the  significant  difference  in  predicted  concentration  of  occupied  carbon  sites 
based  on  the  data  of  Hamza  et  al.  [32]  and  Thomas  et  al.  [34].  Based  on  the  data  of  Hamza 
et  al.  [32],  carbon  sites  would  be  expected  to  be  saturated  with  hydrogen  up  to  1200°C  in  a 
100  ML/sec  H  flux.  However,  the  data  Thomas  et  al.  would  predict  that  at  least  of  half  of  these 
sites  would  be  empty  under  the  same  conditions. 
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Figure  13.  Hydrogen  surface  coverage  on  carbon  sites  of  SiC  based  on  kinetic  data  of 
Thomas  et  al.  [34], 

Based  on  analogy  to  silicon  and  Figs.  10-13,  one  would  expect  etching  of  SiC  in  atomic  H 
at  temperatures  <  1000°C  and  no  etching  at  temperatures  =  >  1000°C.  In  reality,  SiC  is 
probably  etched  by  atomic  H  at  all  temperatures.  However,  the  etch  rate  probably  exhibits 
some  temperature  dependence.  At  low  temperatures  (i.e.  RT-500°C),  the  etch  rate  is  probably 
low  due  to  limited  thermal  activation  and  perhaps  surface  mobility.  As  the  temperature  is 
increased  into  the  range  of  500-1000°C,  the  etch  rate  should  decrease  due  to  significant 
desorption  of  hydrogen  through  silicon  sites  and  the  reduction  of  etch  precursors  such  as 
SiH3(a).  However,  the  etch  rate  in  this  temperature  range  will  probably  still  be  measurable  due 
to  limited  desorption  from  carbon  sites  and  hence  the  ability  to  form  CHx  etch  products.  At 
temperatures  >  1000°C,  the  etch  rate  should  decrease  due  to  increased  desorption  of  hydrogen 
from  both  carbon  and  silicon  sites  but  may  eventually  increases  due  to  increased  thermal 
activation  and  possible  volatilization  of  silicon  at  temperatures  >15(X)°C.  This  type  of  etch  rate 
dependence  has  been  partially  observed  by  Kim  and  Olander  [48]  in  their  modulated  molecular 
beam  mass  spectrometry  studies.  In  these  studies,  they  observed  SiHj,  CH4,  and  C2H2  etch 
products  from  polycrystalline  3C-SiC  films  during  atomic  H  exposure  over  the  temperature 
range  of  RT-800°C.  However,  the  yield  of  SiHj  from  SiC  was  observed  to  initially  increase 
with  temperature  and  then  start  to  decrease  at  «  500°C.  The  yield  of  CH4,  however,  was 
observed  to  gradually  increase  over  the  entire  temperature  range  investigated  (0-800°C). 
Though  Kim  and  Olander  [48]  explain  the  decrease  in  SiH4  production  to  depletion  of  silicon 
from  the  surface,  their  results  are  also  clearly  consistent  with  our  explanation  based  on 
enhanced  hydrogen  desorption  from  silicon  sites.  However,  our  inability  to  avoid  selective 
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removal  of  silicon  from  the  (3x3)  (OOOl)si  6H-SiC  surface  in  the  rf  H  plasma  over  the 
temperature  range  of  0-800°C  is  also  consistent  with  the  results  of  Kim  and  Olander  [48]. 

In  the  higher  temperature  range  (1000-1700°C),  it  has  been  previously  noted  that  the  etch 
rate  of  SiC  in  molecular  hydrogen  (i.e.  H2)  increases  with  increasing  temperature.  In  this  case, 
we  feel  that  the  actual  etching  of  SiC  is  due  to  atomic  H  produced  by  thermal  decomposition  of 
molecular  H2.  Figure  14  shows  the  predicted  percent  dissociation  of  molecular  hydrogen  into 
atomic  hydrogen  based  on  thermodynamic  calculations  (note  figure  produced  by  HSC 
program).  As  can  be  seen,  significant  production  of  atomic  H  is  only  predicted  to  occur  at 
temperatures  of  1500-1700°C.  So  these  higher  temperatures  for  molecular  H2  etching  are  at 
least  to  some  extent  probably  necessary  to  produce  a  significant  concentration  of  atomic 
hydrogen.  The  higher  temperatures  probably  also  assist  in  the  volatilization  of  silicon  from  the 
surface  as  well  as  increasing  the  surface  mobility. 

At  this  point,  it  is  worth  considering  some  of  the  potential  errors  in  this  simplified  model. 
First  for  this  model  to  be  valid,  diffusion  of  hydrogen  from  carbon  to  silicon  sites  (and  vice 
versa)  must  be  minimal.  For  Si-Ge  alloys  this  subject  has  sparked  much  debate.  In  this  system, 
a  lowering  of  Tmax  for  monohydride  (61)  desorption  from  silicon  was  observed  with  the 
addition  of  germanium  to  the  surface  [83,84].  This  lowering  of  Tmax  has  been  argued  to  be  due 
to  weakening  of  the  Si-H  bond  due  to  electronic  matrix  effects  [83].  Others,  however,  have 
argued  that  the  lowering  of  Tmax  can  be  described  by  considering  hydrogen  diffusion  from 
silicon  sites  to  germanium  sites  where  the  activation  energy  for  desorption  is  lower  (Edes  Si-H 
=  55  kcal/mol  vs.  Ge-H  =  35  kcal/mol)  [84,85].  This  is  reasonable  for  silicon  surfaces  where 
the  activation  energies  for  hydrogen  diffusion  on  (100)  and  (111)  surfaces  have  been 


Figure  14.  Percent  dissociation  of  H2  into  H  as  function  of  temperature. 
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determined  to  be  ==  30-41  kcal/mol  [86,87]  and  35  kcal/mole  [88],  respectively.  Unfortunately 
for  the  case  of  SiC,  activation  energies  for  hydrogen  surface  diffusion  have  not  been 
determined.  However,  activation  energies  for  surface  diffusion  of  Si  and  C  atoms  on  SiC 
surfaces  have  been  reported.  Based  on  surface  diffusion  length  measurements  in  CVD,  Kimoto 
et  al.  [89,90]  determined  an  activation  energy  of  82  kcal/mol  for  surface  diffusion  of  Si  or  C 
atoms  on  (OOOl)si  6H-SiC  surfaces.  These  measured  values  are  in  agreement  with  the 
calculations  of  Takai  et  al.  [91],  which  found  activation  barriers  of  106-126  kcal/mol  for 
carbon  diffusion  on  (111)  and  (-111)  3C-SiC  surfaces.  As  much  lower  activation  energies  for 
self  diffusion  of  Si  on  Si  (111)  [92,93]  and  (001)  [93]  surfaces  have  been  determined  (18-35 
and  6-25  kcal/mole  respectively)  it  seems  reasonable  to  expect  the  mobility  of  H  atoms  on  SiC 
surfaces  to  be  lower  than  on  Si  surfaces.  Accordingly,  H  surface  diffusion  should  be  negligible 
in  the  temperature  range  studied  here  and  should  not  affect  our  model. 

Another  possible  source  of  error  in  our  model  is  that  Tmax  for  hydrogen  desorption  from  Si 
and  C  sites  on  SiC  could  be  significantly  different  from  that  observed  from  silicon  and 
diamond  respectively.  As  previously  mentioned,  it  has  been  suggested  that  the  addition  of  Ge 
to  Si  lowers  Tmax  for  6i  H2  desorption  from  Si  sites  due  to  a  weakening  of  the  Si-H  bond  by 
germanium  [83].  It  has  additionally  been  observed  that  boron  doping  (lO^^/cm^)  of  Si  also 
lowers  Tjnax  whereas  dosing  Si  (001)  surfaces  with  diborane  (B2H5)  produces  two  Bj 
desorption  features  [78].  These  effects  have  been  explained  based  on  varying  electronic  effects 
in  which  the  Si-H  bond  is  weakened  by  the  more  electronegative  dopant  or  due  to  changes  in 
the  work  function  by  the  dopant  or  substitutional  atom.  Clearly,  the  addition  of  carbon  to  the 
silicon  lattice  (and  vice  versa)  could  have  similar  effects.  The  addition  of  carbon  changes  both 
the  work  function  (and  band  gap)  as  well  as  creating  a  more  polar  bond  with  silicon  to  weaken 
any  Si-H  bonds  at  the  surface.  This  line  of  reasoning  could  explain  our  inability  to  observe 
sharp  desorption  features  from  atomic  H  treated  (3x3)  ((X)01)si  6H-SiC  surfaces. 

In  the  case  of  (3x3)  SiC  surfaces  exposed  and  cooled  in  SiH4  to  300°C,  H2  desorption  at 
475°C  was  observed  and  which  was  consistent  with  the  observed  H2  desorption  from  Si  (1 1 1) 
surfaces.  This  can  be  explained  by  the  fact  that  for  this  surface  all  of  the  silicon  atoms 
terminating  the  SiC  surface  have  Si-Si  backbonds  as  the  (3x3)  surface  consists  of  a  bilayer  of 
silicon  atoms.  However,  in  the  case  of  the  hot  filament  atomic  H  treated  (3x3)  SiC  surfaces,  a 
broad  range  of  H2  desorption  in  the  temperature  range  of  200-600°C  was  observed  and  which 
was  similar  in  appearance  to  that  observed  from  B2H6  treated  Si  (001)  surfaces  [78].  In  this 
case,  some  of  the  Si  bilayer  has  been  removed  via  etching  by  atomic  H  and  hence  desorption 
occurs  from  Si  atoms  with  Si-Si  and  Si-C  backbonds  (i.e.  C-Si-H  or  Si-Si-H).  For  the  silicon 
atoms  with  carbon  backbonds,  the  Si-H  bond  is  weakened  as  the  underlying  carbon  atom  is 
more  electronegative  and  withdraws  charge  which  the  silicon  atom  would  share  with  hydrogen. 
Accordingly,  the  weaker  Si-H  bonds  translates  into  a  lower  E^es-  This  range  of  E^jes  is  what 
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gives  Fig.  8  its  broad  nature.  However,  we  note  that  in  the  studies  of  Ascherl  et  al.  [95]  dosing 
silicon  surfaces  with  trimethylsilane  (SiH(CH3)3)  did  not  result  in  any  change  in  ^i- 

In  the  case  of  the  H  plasma  treated  (OOOl)si  6H-SiC  surfaces,  TPD  showed  a  weak  H2 
desorption  feature  at  =  625°C  with  a  gradual  increase  in  H2  signal  at  higher  temperatures.  This 
feature  is  intermediate  to  what  would  be  expected  from  carbon  and  silicon  sites  based  on 
analogy  to  silicon  or  diamond  surfaces.  This  feature  could  be  related  to  H2  desorption  from 
CHx  sites,  but  is  higher  in  temperature  than  previous  reports  of  CHx  desorption  from 
polycrystalline  CVD  diamond  films  [39].  This  TPD  spectrum,  however,  could  be  greatly 
effected  surface  roughening  induced  by  the  atomic  H  etching  of  the  SiC  surface.  This  could 
produce  greatly  affect  Edes- 

Setting  aside  our  simple  desorption  model,  etching  of  SiC  by  atomic  hydrogen  can  also  be 
predicted  based  on  simple  comparison  of  the  Si-C,  Si-H,  and  C-H  bond  energies  which  are 
76.5,  70.8,  and  98.8  kcal/mol  respectively  [97].  As  can  be  seen,  the  C-H  bond  is  actually 
stronger  than  the  Si-C  bond  and  energy  can  be  gained  by  breaking  a  Si-C  bond  and  forming  a 
C-H  bond.  Although,  the  reaction  between  molecular  hydrogen  (H2)  and  SiC  to  form  Si-H  and 
C-H  bonds  is  not  energetically  favorable,  i.e. 


Si-C  +  H-H  <=>  Si-H  +  C-H  (i) 

76.5-^104  <===>  70.4  +  98.8 
179.7  <====>  169.2  kcal/mol 

The  reaction  between  pre  dissociated  atomic  H  and  SiC  is,  i.e. 

Si-C  +  2H  <=====>  Si-H  +  C-H  (ii) 

76.5  <====>  70.4  +  98.8 

Thus  for  the  (OOOl)si  6H-SiC  surface,  it  is  more  energetically  favorable  for  atomic 
hydrogen  to  insert  itself  into  a  Si-C  bond  forming  C-H  bonds  rather  than  simply  terminating  a 
Si  dangling  bond  and  forming  a  relatively  weak  Si-H  bond.  Thus,  a  C-H  terminated  SiC 
surface  would  be  expected  after  atomic  hydrogen  exposure.  This  is  in  agreement  with  the 
<  1  Si/C  pph  ratio  we  and  other  have  observed  from  SiC  surfaces  exposed  to  atomic  H.  This 
also  agrees  with  our  observation  of  the  formation  of  some  C-C  bonding  in  XPS  after  TPD  at 
1000°C.  At  temperatures  of  1000°C  it  would  be  expected  that  any  hydrogen  adsorbed  on 
carbon  would  desorb  leaving  behind  some  C-C  bonding.  Additionally,  we  have  previously 
noted  that  in  HF  wet  chemical  processing  H  termination  of  silicon  atoms  at  (OOOl)si  6H-SiC 
surfaces  is  highly  unstable  due  to  the  polarity  of  the  underlying  Si-C  bonds  [96].  OH" 
termination  is  instead  favored  due  to  the  ability  of  the  Si-OH  bond  to  cancel  the  dipole 
produced  by  the  Si-C  bond  below.  For  these  same  reasons,  Si-H  termination  of  (OOOl)si 
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6H-SiC  surfaces  in  vacuum  are  equally  unstable  and  hence  there  is  an  additional  driving  force 
for  the  H  atom  to  insert  itself  into  the  Si-C  bond.  It  is  also  worth  mentioning  that  in  the  (3x3) 
structure  there  are  actually  a  significant  number  of  Si-Si  bonds.  We  note  that  in  this  case,  these 
bonds  are  compressed  and  distorted  to  values  far  from  the  their  equilibrium  value  due  to  the 
differences  in  the  lattice  constants  between  Si  and  SiC  (=  20  %  [10,70-72]).  As  such,  these 
bonds  are  probably  more  reactive  with  atomic  hydrogen  and  it  may  be  more  energetically 
favorable  to  form  SiHx  species  rather  than  to  remain  in  the  distorted  (3x3)  structure. 

Finally,  the  above  results  and  discussion  indicate  that  in  H  plasma  cleaning  of  SiC,  silicon 
should  be  added  to  the  plasma  chemistry  in  order  to  compensate  for  the  selective  removal  of 
silicon  from  the  SiC  surface  due  to  etching.  The  addition  of  silicon  to  the  plasma  (via  SiHLi  or 
Si2H6)  should  also  assist  in  the  reduction  of  silicon  oxides  which  are  particularly  difficult  to 
remove  in  H  plasmas.  Lin  et  al.  [51]  have  previously  investigated  cleaning  of  HF  dipped  SiC 
surfaces  using  a  1:1  H2:He  mixture  in  an  ECR  plasma  source  (650°C,  90  min.,  5x10"^  Torr). 
In  their  case,  they  reported  the  removal  of  C-C,  C-0,  and  C-F  species  from  the  SiC  surface  but 
were  not  successful  in  completely  removing  silicon  oxides  (Si-0)  from  the  surface.  The 
addition  of  silicon  to  the  plasma  chemistry  therefore  could  assist  in  the  removal  of  silicon 
oxides  through  chemical  reduction  and  formation  of  more  volatile  sub  oxides.  Initial 
investigations  in  our  lab  using  H2/l%SiH4  mixtures  in  plasma  cleaning  of  HF  dipped  SiC 
surfaces  have  shown  an  enhanced  removal  of  silicon  oxides.  However,  deposition  of  silicon 
was  a  particular  problem  indicating  that  such  a  cleaning  process  requires  delicately  balancing 
the  silicon  deposition  rate  with  its  etching  rate.  This  will  require  tight  process  control  and 
perhaps  only  a  very  narrow  processing  window  will  be  available. 

V.  Conclusion 

In  conclusion,  we  have  shown  that  atomic  hydrogen  exposure  selectively  removes  silicon 
from  (3x3)  6H-SiC  (OOOl)si  surfaces.  Atomic  hydrogen  exposures  reduces  and  removes  the 
Si-Si  bonding  Si  2p  XPS  peak  and  converts  the  (3x3)  LEED  pattern  to  (1x1).  Additional 
etching  of  the  SiC  surface  was  indicated  by  the  reduction  in  the  Si  LVV/C  KLL  ratio  in  AES 
from  1.3  to  0.4  following  exposure  of  (3x3)  surfaces  to  a  remote  rf  H  plasma.  TPD  of  atomic 
H  treated  (3x3)  SiC  surfaces  showed  weak  hydrogen  desorption  in  the  range  of  400-600°C 
where  desorption  from  silicon  atoms  would  be  expected  by  analogy  to  (1 1 1)  Si.  However,  the 
hydrogen  desorption  signal  increased  at  higher  temperatures  where  hydrogen  desorption  from 
carbon  sites  would  be  expected  based  on  analogy  to  (111)  diamond  surfaces.  C-H  termination 
of  the  SiC  surface  was  supported  by  the  observation  of  some  C-C  bonding  after  thermal 
desorption  of  rf  plasma  treated  SiC  surface  at  T  >  1000°C.  Based  on  these  observations,  we 
conclude  that  atomic  H  processing  of  SiC  surfaces  selectively  removes  silicon  from  the  surface 
and  favors  C-H  termination. 
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